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Abstract: 

Silicon oxycarbides with varying compositions were investigated concerning their elastic and 

plastic properties. Additionally, the impact of thermal annealing on their elastic properties 

was assessed. Phase separation of SiOC seems to have no significant impact on Young’s 

modulus (high values of β-SiC compensate the low values of the vitreous silica matrix) and 

hardness. However, it leads to an increase in Poisson’s ratio, indicating an increase in the 

atomic packing density. The phase composition of SiOC significantly influences Young’s 

modulus, hardness, brittleness and strain-rate sensitivity: the amount of both β-SiC and 

segregated carbon governs Young’s modulus and hardness, whereas the fraction of free 

carbon determines brittleness and strain-rate sensitivity. Thermal annealing of SiOC glass-

ceramics leads to an increase in Young’s modulus. However, the temperature sensitivity of 

Young’s modulus and Poisson’s ratio is not affected, indicating the glassy matrix being stable 

during thermal annealing. A slightly improved ordering of the segregated carbon and the β-

SiC nanoparticles upon thermal annealing was observed. It is suggested that this is 

responsible for the increase in Young’s modulus. 

 

Keywords: Silicon oxycarbide, elastic properties, Poisson’s ratio, plastic deformation, 

thermal annealing 

 

Introduction 

Amorphous silicon oxycarbides (SiOC) can basically be regarded as SiO2 glasses which are 

mechanically strengthened by the presence of tetrahedrally coordinated carbon atoms. Their 

synthesis relies on the thermal conversion of polyorganosiloxanes or precursors derived from 

sol-gel synthesis of organically modified alkoxysilanes [1, 2]. Via this procedure, SiOC 

glasses with varying chemical compositions are obtainable. Depending on the carbon 

content, a distinction is usually made between two groups of amorphous SiOC materials, i.e., 
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glasses with low amounts of segregated carbon and carbon-rich compositions (i.e. > 20 wt.% 

segregated carbon [1, 3, 4]). The chemical composition of SiOC glasses determines their 

structural and functional properties. Due to the remarkable high temperature stability, with a 

notable resistance against crystallization up to about 1500 °C [1], SiOC glasses have 

attracted a growing attention for applications in combustion engines or as coatings on turbine 

blades. In these, knowledge on the elastic properties and plasticity of SiOC glasses, like their 

Young’s modulus, brittleness, hardness or creep behavior, is inevitable. In particular, this 

includes information on the mechanical performance under extreme conditions of high 

temperatures and extended exposure times. 

SiOC glasses are X-ray amorphous and built-up of corner-sharing SiO4-xCx tetrahedral units 

(SiO4, SiO3C, SiO2C2, SiOC3 and SiC4) [5, 6]. The abundance of each tetrahedral unit 

depends on the chemical composition and thus, the polymeric precursor used for the glass 

preparation. In addition to the covalently bonded C linked to Si (network carbon), typical 

SiOC glasses also contain a sp2-hybridized segregated carbon phase, which is 

homogeneously dispersed in the SiOC glass matrix [7, 8]. At temperatures above 1250 °C, 

phase separation of the amorphous SiOC glass starts, as evident from the vanishing signals 

for SiO3C, SiO2C2 and SiOC3 tetrahedral units in the 29Si MAS NMR spectra [7, 9]. This 

phase separation results in the formation of SiOC glass-ceramics within the system SiO2-

SiC-C, where the residual glass matrix is composed of SiO2 with homogeneously dispersed 

β-SiC nanoparticles and segregated carbon. Controlling the polymeric precursor along with 

the synthesis conditions enables the preparation of SiOC materials with a tailored 

microstructure. 

The partial substitution of two-fold coordinated O atoms by four-fold coordinated C atoms in 

SiOC glasses is known to improve the glass network connectivity and, by extension, to 

enhance the thermal and mechanical stability. In comparison to vitreous silica, SiOC glasses 

typically exhibit higher Young’s modulus, hardness and glass transition temperature [10-14]. 

Similar trends have previously been reported also for SiOC glass-ceramics [15-18]. Although 

the creep rates and viscosity of SiOC glass-ceramics have been found as being determined 

by both the chemical composition and phase composition [17, 19], information on the 

influence of the chemical composition and phase composition on the elastic properties of 

SiOC glass-ceramics remains limited. Moreover, only little is known about the impact of 

annealing on the elastic properties of SiOC glasses and glass-ceramics. Rouxel et al. [11] 

studied the Young’s modulus of a SiOC glass during a thermal treatment at temperatures up 

to 1400 °C. Upon the phase separation above 1250 °C, an irreversible increase of Young’s 

modulus was observed, which has been attributed to the precipitation of β-SiC nanoparticles. 

Beside the technological significance of these findings, there is a fundamental interest on the 

underlying structural changes inside the glass network. Since the Young’s modulus is 

intimately related to the atomic structure of glasses, i.e., strength and density of the 

interatomic bonds [20], it can serve as an indicator for structural modifications inside the 

glass network during annealing or even high-temperature creep experiments [11].  

Here, we report on the elastic properties and plasticity of a SiOC glass as well as a series of 

SiOC glass-ceramics with varying chemical and phase compositions. For selected SiOC 
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glass-ceramics, the elastic properties were also monitored up to temperatures of around 

1000 °C. This has also been done for SiOC glass-ceramics, which have been subjected to a 

prior thermal treatment comparable to previous high temperature creep experiments 

performed on these SiOC glass-ceramics [18, 19]. 

Experimental Procedure 

Materials synthesis and processing. The synthesis procedure of the investigated SiOC glass 

and glass-ceramics is described in detail in Refs. [18] and [21]. Different polymeric 

precursors were used to realize a series of SiOC materials with various amounts of 

segregated carbon. This includes one sample with no segregated carbon phase (denoted as 

SiC/SiO2), and further samples which contain approximately 1, 12 and 16 vol.% of 

segregated carbon, respectively (denoted as C1-SiOC, C12-SiOC, and C16-SiOC). 

SiC/SiO2 glass powder was prepared by pyrolysis of polysilsesquioxane in hydrogen 

atmosphere [22]. C1-SiOC was prepared by a sol-gel synthesis of triethoxysilane and 

methyldiethoxysilane in a 2:1 molar ratio, followed by ageing and pyrolysis [9]. C12-SiOC 

was synthesized via cross-linking and pyrolysis of a commercially available 

polysilsesquioxane (Belsil PMS MK, Wacker GmbH, Burghausen, Germany). C16-SiOC was 

prepared by a catalyzed sol-gel synthesis of a mixture consisting of 80 wt.% 

polymethylhydrosiloxane (PMHS; average Mn 1700–3200; Merck, Germany) and 20 wt.% 

1,3,5,7-tetramethyl-1,3,5,7-tetravinylcyclotetrasiloxane (D4Vi; 97%, ABCr, Karlsruhe, 

Germany), followed by ageing and pyrolysis [23]. The synthesized powders were ground and 

sieved (particle diameter < 40 µm) and were subsequently densified for 30 min at a 

temperature of 1600 °C and a pressure of 50 MPa using a uniaxial hot press operating in a 

static argon atmosphere (these samples were used for nanoindentation). Alternatively, the 

densification was achieved using a Field Assisted Sintering Technique (FAST). Here, the 

powders were treated at the same temperature and pressure but for only 15 min in argon 

atmosphere. The samples prepared by the latter routine were used in the Resonant 

Frequency Damping Analyzer (RFDA). The final monolithic samples are further denoted as 

SiC/SiO2-1600, C1-SiOC-1600, C12-SiOC-1600 and C16-SiOC-1600, respectively. 

Additionally, one monolithic SiOC glass (denoted as C1-SiOC-1100) was prepared from a 

sol-gel derived precursor of triethoxysilane and methyldiethoxysilane in a 2:1 molar ratio. The 

precursor was cast in plastic boxes, followed by curing and drying. The resulting monolithic 

xerogels were pyrolyzed in an alumina tube furnace for 3 h at 1100 °C in argon atmosphere 

(heating rate of 25 °C/h). Details on the preparation of C1-SiOC-1100 are reported in [21]. 

Thermal treatment of the SiOC glass-ceramics were performed for different durations at 

temperatures of 1100, 1200 and 1300 °C, respectively, in an alumina oven with SiC heating 

elements using alumina crucibles with a closed lid under air. The applied heating rate was 

20 °C/min up to 50 °C below the target temperature, followed by a slower rate of 2 °C/min up 

to the desired annealing temperature. The subsequent cooling was performed at a rate of 

10 °C/min. 

Structural characterization. All samples were cut into smaller pieces using a diamond wire 

cutter and subsequently ground to co-planar geometry. Their chemical composition was 
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determined using a carbon analyzer Leco-200 (Leco Corporation,USA) and a N/O analyzer 

Leco TC-436 (Leco Corporation, USA). The silicon elemental content was calculated as the 

difference to 100 wt.%, assuming no other elements being present in the samples. 

Archimedean (skeletal) density ρ and open porosity were derived upon water immersion 

technique. Powder X-ray diffraction (XRD) measurements were performed in flat-sample 

transmission geometry on a STOE STADI P diffractometer (Stoe, Darmstadt, Germany), 

equipped with a Mo X-ray tube and a position sensitive detector with a 6° aperture. Raman 

spectra were recorded on a Horiba HR800 micro-Raman spectrometer (Horiba JobinYvon, 

Bensheim, Germany), equipped with a He-Ne laser (λ = 633 nm). The measurements were 

conducted by using a grating of 600 g/mm and a confocal microscope (magnification 50 x 

NA0.75 – numerical aperture) with a 100 μm aperture, providing a resolution of 

approximately 1 μm. The laser power of 20 mW was attenuated by using neutral density 

filters. 

Assessment of the elastic and plastic deformation behavior. Nanoindentation experiments 

were carried out on co-planar, optically polished samples using a G200 nanoindenter (Agilent 

Inc.), equipped with a three-sided Berkovich diamond indenter tip (Synton-MDP Inc.). Before 

the first experiments, both the tip area function and the instrument’s frame compliance were 

calibrated on a Corning 7980 fused silica reference glass sample (Corning Inc.), following the 

procedure proposed by Oliver and Pharr [24]. Depth profiles of the Young’s modulus E and 

hardness H were obtained by operating in the continuous stiffness measurement mode [25, 

26]. For statistical relevance, at least ten indentations with a maximum displacement of 2 µm 

were created at a constant strain-rate of ε̇ = 0.05 s-1 (defined as the loading rate dP/dt 

divided by the actual load P). The strain-rate sensitivity m was analyzed via a 

nanoindentation strain-rate jump test as described in detail in Ref. [27]. In total, ten strain-

rate jump tests with strain-rates of ε̇ = 0.05; 0.007 and 0.001 s-1 (in descending order) were 

performed. Values of m were derived from the slope of the linear regression between the 

logarithm of hardness and the logarithm of the indentation strain-rate (defined as the 

displacement rate dh/dt divided by the actual indentation depth h) m = ∂lnH/∂lnε̇𝑖 [28], where 

𝜀�̇� = 𝜀̇ 2⁄  for materials with a depth-independent hardness [29]. All nanoindentation 

experiments were carried out in laboratory air at ambient temperatures of around 301 ± 3 K 

and with thermal drift rates below 0.05 s-1. To avoid interactions between residual stress 

fields, consecutive indentations were conducted at distances of 50 µm [30]. The same 

samples were subsequently utilized to study the elastic properties through ultrasonic 

echography with an Echometer 1077 (Karl Deutsch GmbH & Co. KG, Wuppertal, Germany). 

Values of the longitudinal cL and transversal sound wave velocities cT were calculated from 

the corresponding sound wave propagation times, as recorded with an accuracy of ± 1 ns by 

piezoelectric transducers operating at frequencies of 8 to 12 MHz, divided by the exact 

thickness of the glass plates, which was determined with an accuracy of ± 2 µm using a 

micrometer screw. On that basis, the shear modulus G, bulk modulus K, and Young’s 

modulus, as well as the Poisson’s ratio , were estimated according to the following 

equations [31]: 

𝐺 = 𝜌𝑐𝑇
2 (1) 

ACCEPTED M
ANUSCRIP

T



5 
 

𝐾 = 𝜌 (𝑐𝐿
2 −
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3
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2−4𝑐𝑇
2

(𝑐𝐿/𝑐𝑇)2−1
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2
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2−𝑐𝑇

2)
 (4) 

 

In addition, the temperature dependence of the Young’s modulus and shear modulus were 

evaluated using a RFDA (IMCE NV RFDA HT 1050) on co-planar disk-like or rectangular 

bars with an approximate thickness of 2 mm. Samples were fixed with Pt-Rh wires and 

heated to 1000 °C at a rate of 10 °C/min in air. The subsequent cooling was carried out at a 

rate of 10 °C/h. 

The investigation of the samples with both, RFDA and Ultrasonic Echography, requires 

sufficiently large specimens to be reliably fixed in the device or to detect the signal, 

respectively. The required minimum sample geometries could not be realized for samples 

C1-SiOC-1100 (due to the inherent challenges during the polymer-to-ceramic transformation) 

and SiC/SiO2-1600 (due to a limited amount of starting material). Consequently, the 

mentioned two methods were used only for samples meeting the respective requirements 

(see Table 1 below). 

 

Results and Discussion 

The as-prepared SiOC samples were first analyzed concerning their chemical and phase 

composition. For a detailed compositional and structural characterization the reader is 

referred to Refs. [18] and [21]. The monolithic sample pyrolyzed at 1100 °C (i.e., 

C1-SiOC-1100) is fully X-ray amorphous and consists of an SiOC glass matrix with a 

homogeneously dispersed phase of sp2-hybridized segregated carbon [5]. The monolithic 

specimens prepared from hot pressing/FAST at 1600 °C can be regarded as SiOC glass-

ceramics composed of a vitreous silica matrix with homogeneously dispersed β-SiC 

nanoparticles and segregated carbon [5, 17, 18]. The phase composition in the system SiO2-

SiC-C can be estimated from elemental analysis [6]. The chemical and phase compositions 

of the samples investigated in the present study are summarized in Table 1 and presented in 

Figure 1. The volume fractions of SiO2 and SiC for C1-SiOC-1100 can be regarded as the 

fraction of Si-O and Si-C bonds, respectively. The volume fraction of SiC is comparable in all 

samples. This is also evident from Figure 1, where the compositions investigated in this 

study lie on a parallel line to the SiO2-C tie-line in the Si-O-C ternary phase diagram. No 

segregated carbon was noticed in the SiC/SiO2-1600 sample. By comparing C1-SiOC-1100 

with C1-SiOC-1600, it can be concluded that the phase separation has no influence on the 

overall chemical composition (e.g., through volatilization). 
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Table 1. Chemical compositions of the monolithic SiOC samples, their estimated phase compositions 

and the corresponding skeletal densities ρ. Volume fractions of SiO2, SiC and segregated carbon Csegr 
are calculated by means of the following densities: ρ(SiO2) = 2.20 g/cm3 [15], ρ(β-SiC) = 3.22 g/cm3 
[32], ρ(Csegr) = 1.82 g/cm3 (Graphitized Mesoporous Carbons GMC, Sigma-Aldrich, CAS-# 1333-86-4). 

1 Molar fractions of SiO2 and SiC can be regarded as the fraction of Si-O and Si-C bonds, respectively. 
2 Volume fractions of SiO2 and SiC can be regarded as the fraction of Si-O and Si-C bonds, 

respectively. Absolute values are expected to be shifted due to unknown density of the disordered 
arrangement of SiC4 tetrahedra. 

 

 
Figure 1. Ternary phase diagram in the system Si-O-C. The dashed line (parallel to the SiO2-C tie-

line) marks that the segregated carbon content increases from SiC/SiO2-1600 to C16-

SiOC-1600 without large variations in the SiC content.  

The skeletal densities of the investigated SiOC samples are summarized in Table 1. 

Replacing oxygen in the SiO2 network by carbon leads to an increase in density from 2.20 up 

to 2.28 g/cm3 in the C1-SiOC-1100 glass specimen. The further increase in density from 2.28 

Sample 
Empirical 
Formulae 

Phase Composition [mol%] Phase Composition [vol.%] Density ρ 
[g/cm3] SiO2  SiC  Csegr SiO2 SiC  Csegr 

C1-SiOC-1100 
[21] 

SiO1.38C0.32 
68.11 

± 1.1 
30.71 

± 2.3 
1.21 

± 0.5 
81.72 

± 1.3 
17.92 
± 1.3 

0.42 
± 0.9 

2.28 

SiC/SiO2-1600 
[18] 

SiO1.47C0.24 73.2 26.8 0 85.7 14.3 0 2.36 

C1-SiOC-1600 
[21] 

SiO1.41C0.30 
70.2 
± 0.5 

29.3 
± 2.1 

0.5 
± 2.7 

83.0  
± 0.6 

16.8 
± 1.2 

0.2 
± 0.8 

2.38 

C12-SiOC-1600 
[21] 

SiO1.50C0.71 
51.3 
± 0.3 

17.2 
± 1.4 

31.5 
± 1.7 

75.7 
± 0.4 

12.3 
± 1.0 

11.9 
± 0.7 

2.31 

C16-SiOC-1600 
[21] 

SiO1.27C0.97 
39.6 
± 1.1 

22.8 
± 1.7 

37.6 
± 1.7 

65.7 
± 1.9 

18.3 
± 1.3 

16.0 
± 0.7 

2.34 
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to 2.36 g/cm3 is caused by the phase separation in the C1-SiOC-1600 sample and the 

accompanied precipitation of β-SiC nanoparticles (with a bulk density of 3.21 g/cm3 for 

crystalline β-SiC [32]). 

Along with the density, the Young’s modulus is significantly enhanced upon the incorporation 

of carbon into vitreous silica (Table 2). The same trend has already been revealed in 

previous studies [10, 14, 33], where it was attributed to the increased degree of cross-linking 

within the silica glass network [34]. This effect even compensates the significantly lower 

energy of the Si-C interatomic bonds (U0 = 447 kJ/mol) compared to the strong Si-O 

interatomic bonds (U0 = 800 kJ/mol) in vitreous silica [34]. Besides, phase separation does 

not seem to significantly alter Young’s modulus. Actually, a change in Young’s modulus 

during phase separation might be expected due to the reorganization of the network carbon 

in β-SiC nanoparticles and the accompanied formation of an oxygen-rich silica matrix. As a 

result, Young’s modulus should decrease during phase separation, getting closer to the 

value of vitreous silica. However, Young’s modulus of glass-ceramics is expected to be an 

additive function of the constituting phases and their respective volume fractions and 

properties [35, 36]. The comparably high Young’s moduli of SiOC glass-ceramics are 

therefore a consequence of the high Young’s modulus of the β-SiC nanoparticles 

(E = 300 GPa [37]), compensating the smaller value of the vitreous silica matrix. The present 

data of the Young’s modulus for the SiOC glass-ceramics are of similar magnitude as 

previously reported values for SiOC glasses [15, 16]. 

Table 2. Room temperature elastic properties and plasticity of SiOC glasses and glass-
ceramics: Young’s modulus E, shear modulus G, bulk modulus K, Poisson’s ratio 
𝜐, hardness H and strain-rate sensitivity m. Literature data for a SiOC glass and 
Suprasil vitreous silica are added for comparison. 

Sample 
RFDA Ultrasonic Echography Nanoindentation 

E [GPa] G [GPa] 𝜈 E [GPa] G [GPa] K [GPa] 𝜈 E [GPa] H [GPa] m 

C1-SiOC-1100 - - - - - - - 
101.7 
±0.5 

11.4 

±0.1 

0.0059 

C12-SiOC-1100 [14] - - - 
96.1 

±0.5 
- - 

0.110 

±0.020 

101* 

±15 

6.4* 

±1 

- 

SiO2 (Suprasil) [31] - - - 70.0 39.9 35.4 0.170 
71.6 
±0.3 

9.3 

±0.1 

0.0068 

SiO2/SiC-1600 - - - - - - - 
92.8 
±1.2 

10.6 

±0.2 

0.0060 

C1-SiOC-1600 
96 
±1.0 

41 0.18 
100.2 
±1.3 

42.7 
±0.2 

51.4 
±0.6 

0.175 
±0.003 

101.1 
±0.8 

11.0 

±0.1 

0.0074 

C12-SiOC-1600 
86 
±1.0 

37 0.17 
87.6 
±1.1 

37.6 
±0.2 

43.7 
±0.6 

0.166 
±0.003 

90.4 
±1.0 

10.5 

±0.1 

0.0107 

C16-SiOC-1600 99 - - 
92.8 
±1.0 

39.7 
±0.2 

46.5 
±0.5 

0.167 
±0.002 

96.6 
±1.8 

10.6 

±0.2 

- 

*Value displays the Vickers microhardness HV as determined by Vickers microhardness testing. 

Figure 2a compares the available literature data for Young’s modulus of SiOC materials at 

ambient temperature to the values determined in this study. Depending on the experimental 

technique used, Young’s modulus of the SiOC samples with identical compositions varies 

within a range of ± 5 GPa (i.e., ± 5 %). Also, some of the literature values derived from 
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bending or indentation experiments display relatively large standard deviations [10, 14, 33]. 

However, a rough tendency is discernable in Figure 2a, that Young’s modulus in SiOC 

glasses and glass-ceramics decreases with increasing content of sp2-hybridized segregated 

carbon. While the C1-SiOC-1100 glass sample with only 1 vol.% of sp2-hybridized 

segregated carbon investigated in this study exhibits a Young’s modulus of 101.7 GPa, a 

much lower Young’s modulus of only 66 GPa has previously been reported for a SiOC glass 

with approximately 64 vol.% of segregated carbon [38]. 

 
Figure 2. Room temperature Young’s modulus of SiOC glasses (open symbols) and glass-

ceramics (filled symbols) as a function of (a) volume fraction of sp2-hybridized segregated 
carbon and (b) the volume fraction of Si-C bonds (as for SiOC glasses) or ß-SiC (as for 
SiOC glass-ceramics). Literature values (black symbols) are added for comparison. 
Dashed lines were drawn as a guide for the eyes. 
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A plot of Young’s modulus against the volume fraction of SiC in Figure 2b (for SiOC glasses, 

the volume fraction of SiC is thought to be systematically shifted to lower values due to the 

unknown density of the disordered arrangement of SiC4 tetrahedra) reveals their direct 

interrelation. SiOC materials with a larger fraction of SiC typically exhibit a higher Young’s 

modulus as compared to samples containing a smaller fraction of SiC. This result is 

supposed to be related to the high values of E = 300 GPa of the nano-sized β-SiC 

precipitates [37]. Thus, sp2-hybridized segregated carbon and β-SiC nanoparticles have the 

opposite effect on Young’s modulus of SiOC glasses and glass-ceramics. This dependency 

was already suggested by Soraru et al. for a significantly smaller compositional range of 

SiOC glasses and for thin films [10, 39] and is extended now in this study to bulk SiOC 

glasses with higher amounts of segregated carbon and monolithic SiOC glass-ceramics. 

Figure 3 illustrates the temperature dependence of Young’s modulus of the investigated 

SiOC glass-ceramics with 1, 12 and 16 vol.% of segregated carbon, respectively. All samples 

are characterized by an increasing Young’s modulus with increasing temperature. It is known 

from literature that Young’s modulus of SiOC glasses and glass-ceramics increases with 

temperature (i.e. stiffening) analogous to vitreous silica [11, 16, 40]. In the case of vitreous 

silica, this behavior has been attributed to continuous atomic displacements during an 

amorphous-amorphous transformation comparable to the structural rearrangements 

associated to the α- to β-cristobalite phase transition in crystalline SiO2 [34, 41]. We therefore 

conclude that the temperature dependence of the Young’s modulus in the present SiOC 

glass-ceramics is dominated by the silica glass matrix. Since the Young’s modulus did not 

show any hysteresis effects during cooling (not shown here), irreversible changes during the 

measurements can be excluded. 

 
Figure 3. Temperature dependence of the Young’s modulus of the SiOC glass-ceramics 

investigated in this study. The experimental error is estimated to be ± 1 GPa (i.e., < 2 %). 
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Depending on the respective length scale, several different factors may affect the Young’s 

modulus of glasses, including the atomic bonding energy and packing density, but also the 

network connectivity [34] and super-structural heterogeneity [42, 43]. Consequently, the 

stability of a glass, e.g., upon exposure to high temperatures can be monitored well by the 

measurement of Young’s modulus, as a change in Young’s modulus would be caused by a 

change in one or more of the above-mentioned structural parameters.  

Thus, in the present study, Young’s modulus was used to identify possible structural changes 

(i.e. decomposition or crystallization of the amorphous matrix) occurring in SiOC glass-

ceramics (prepared at 1600 °C; i.e., fully phase-separated) which may result from their 

thermal annealing, for example during high-temperature creep experiments. Annealing 

temperatures and holding times were chosen according to the time necessary to reach the 

steady-state regime (secondary creep) in creep experiments, as previously reported [19]. For 

sample C1-SiOC-1600, the chosen annealing conditions were 6 days at 1100 °C and 2 hours 

at 1300 °C, respectively, while for samples C12-SiOC-1600 and C16-SiOC-1600 the 

conditions were 6 days at 1200 °C and 12 hours at 1300 °C, respectively. Figures 4a – c 

show the temperature evolution of Young’s modulus before and after annealing at the 

chosen conditions. All SiOC glass-ceramics exhibit an increase in Young’s modulus after 

annealing, where the annealing at higher temperature leads to a larger increase. In 

comparison to the as-prepared sample, C1-SiOC-1600 shows the lowest total increase of 

Young’s modulus of about 1.4 %; whereas C12-SiOC-1600 exhibits an increase of about 

7.3 %. C16-SiOC-1600 shows the highest total increase of the Young’s modulus 

(approximately 8.8 % at 1200 °C). Interestingly, C16-SiOC-1600 shows lower Young’s 

modulus (and its increase) during the thermal annealing at 1300 °C as compared to the 

features recorded during annealing at 1200 °C (see Figure 4c). The SiOC glass-ceramics are 

already fully phase-separated (i.e. the evolution of β-SiC nanoparticles occurred already 

during synthesis). Consequently, this increase in Young’s modulus cannot be attributed to 

the precipitation of β-SiC nanoparticles. 

In order to further rationalize the increase in Young’s modulus and to directly compare all 

investigated samples, Figure 4d displays the temperature-dependent Young’s modulus 

normalized to the corresponding value at room temperature of the investigated SiOC glass-

ceramics (as-prepared and after thermal annealing). The temperature sensitivity of Young’s 

modulus, i.e. the evolution of Young’s modulus with temperature, is not affected by thermal 

annealing, as the curves of the individual glass-ceramics are identical within the estimated 

accuracy of the measurement (± 1 GPa; < 2 %). The temperature sensitivity can be 

correlated to the fragility of glasses [44]. Furthermore, the fragility of glasses is connected to 

their atomic packing density, where glasses with high atomic packing density are known to 

be more fragile [45]. Consequently, the stable temperature sensitivity indicates, that the 

glassy matrix of the investigated SiOC glass-ceramics is not significantly affected by thermal 

annealing. 
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Figure 4. Temperature dependence of the Young’s modulus of the as-prepared (a) C1-SiOC-1600, 

(b) C12-SiOC-1600 and (c) C16-SiOC-1600 SiOC glass-ceramics, respectively, and after 
a thermal treatment at different temperatures and for varying durations. Lines drawn are 
fits to the experimental data. (d) Temperature dependence of the Young’s modulus 
normalized to its value at room temperature (displayed by trendlines). The experimental 
error is estimated to be ± 1 GPa (i.e., < 2 %). 

 

Table 3. Skeletal density ρ and elemental composition of the investigated as-prepared SiOC glass-
ceramics and after a thermal treatment. 

Sample 
Annealing 
Conditions 

Density ρ 
[g/cm3] 

Weight 
loss [%] 

Elemental Composition 

Si [wt.%] O [wt.%] C [wt.%] 

C1-SiOC-1600 

as-prepared 2.38* − 51.78* 41.59* 6.63* 

1100 °C, 6 d 2.38 1.66 52.66 40.57 6.77 

1300 °C, 2 h 2.38 − 52.54 40.59 6.87 

C12-SiOC-1600 

as-prepared 2.31* − 46.36* 39.52* 14.12* 

1200 °C, 6 d 2.32 0 47.48 38.97 13.55 

1300 °C, 12 h 2.32 0 46.81 39.32 13.87 

C16-SiOC-1600 

as-prepared 2.34* − 46.79* 33.82* 19.39* 

1200 °C, 6 d 2.37 0.14 47.35 33.56 19.09 

1300 °C, 12 h 2.38 0.19 46.89 33.66 19.45 

* Values taken from Ref. [21] 

In general, two main strategies for improving Young’s modulus for specific glass series are 

discussed in glass science: (i) an increase in the atomic packing density and (ii) an increase 
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in the local bond strength [34]. Both do not apply for our SiOC glass-ceramics. The first is 

expected to be related to an increase in the skeletal density and the second relies on a 

change in the elemental composition. For the investigated SiOC samples, the skeletal 

densities remain constant and consequently the first effect can be ruled out. Moreover, as 

the samples show only negligible weight loss and changes in their elemental composition 

(Table 3), also the second effect can be excluded. Consequently, the increase of Young’s 

modulus if SiOC glass-ceramics after thermal annealing should have other origin and further 

supports the stability of the glassy matrix as already discussed considering the temperature 

sensitivity. One possible effect may arise from crystallization processes of the dispersed 

phases in SiOC glass-ceramics which take place during thermal annealing. 

It is known that Young’s moduli of nanocrystalline materials are significantly lower than those 

of their crystalline counterparts [37]. Consequently, it is expected that an increased ordering 

/crystallization of the β-SiC nanoparticles or the segregated carbon phase in our SiOC 

samples might explain the observed increase in their Young’s moduli. The evolution of the 

sp2-hybridized carbon phase in the SiOC glass-ceramics was studied by Raman 

spectroscopy, which may provide information on the average crystallite size La and the 

average distance between two defects LD in the segregated carbon phase. The procedure 

used for the determination of La and LD from the intensity ratio between D and G band 

(typical features in Raman spectra of disordered carbons) in silicon oxycarbides is described 

in detail in [21] and values of the investigated samples are summarized in Table 4. Both La 

and LD are slightly increased in C1-SiOC-1600 and C16-SiOC-1600 after annealing at 1200 

°C for 6 days; whereas, they were rather indifferent to the annealing experiment at 1300 °C 

for 12 hours. This indicates some increased ordering of the segregated carbon phase during 

the long-term annealing at 1200 °C, which may though explain the increase of the Young’s 

modulus in SiOC after annealing. 

Table 4. Effects of a thermal treatment on the degree of graphitization of the segregated carbon in 
SiOC glass-ceramics as determined from Raman spectroscopy: Average crystallite size La, 
average distance between two defects LD. AD/AG describes the ratio between the areas 

assigned to the D and G band, respectively. 

Sample 
Annealing 
conditions 

AD/AG La [nm] LD [nm] 

C1-SiOC-1600 

as prepared 3.185 ± 0.233 12.1 ± 0.9 9.5 ± 0.4 

1100 °C, 6 d 2.800 ± 0.142 13.8 ± 0.7 10.2 ± 0.3 

1300 °C, 12 h 2.232 ± 0.356 17.3 ± 2.7 11.4 ± 0.9 

C12-SiOC-1600 

as prepared 4.215 ± 0.251* 9.2 ± 0.6* 8.3 ± 0.3* 

1200 °C, 6 d 4.539 ± 0.422 8.5 ± 0.8 8.0 ± 0.4 

1300 °C, 12 h 4.699 ± 0.036 8.2 ± 0.1 7.8 ± 0.1 

C16-SiOC-1600 

as prepared 4.121 ± 0.521* 9.5 ± 1.3* 8.4 ± 0.6* 

1200 °C, 6 d 3.093 ± 0.203 12.5 ± 0.8 9.7 ± 0.3 

1300 °C, 12 h 4.104 ± 0.075 9.4 ± 0.2 8.4 ± 0.1 

* Values are taken from Ref. [21] 

In addition to the sp2-hybridized carbon phase, the β-SiC nanoparticles may also be 

subjected to crystallization during the high-temperature annealing process. Figure 5 shows 
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the XRD patterns of the SiOC glass-ceramics before and after thermal annealing. There is no 

indication for the crystallization of cristobalite. The presence of a reflection at 2θ  = 11.5° for 

samples C16-SiOC-1600 annealed at 1200 °C for 6 days and C12-SiOC-1600 annealed at 

1300 °C for 12 hours may be considered as an indication for the presence of the segregated 

carbon phase [46]. This is in good agreement with the observed increase of La and LD as 

determined by Raman spectroscopy for C16-SiOC-1600. Differences between XRD and La 

and LD as determined from Raman spectroscopy for sample C12-SiOC-1600 are due to 

different volumes accessible for both measurement techniques, where powder XRD gives an 

averaged picture of the top layer of the whole sample, whereas Raman spectroscopy gives a 

localized information of low lateral size. 

 

Figure 5. X-ray diffraction patterns (Mo Kα) of SiOC glass-ceramics prior and after annealing at high 
temperatures: (a) C1-SiOC-1600; (b) C12-SiOC-1600; (c) C16-SiOC-1600. Indexed 

reflections relate to β-SiC. 

Additionally, slight changes in the shape of the reflections related to β-SiC after thermal 

annealing can be identified. Rietveld refinement was performed with fixed lattice parameters. 

Crystallite size and micro-strain were refined according to the recommendations given in 

[47], with both Lorentzian and Gaussian contributions. For C1-SiOC-1600, a slight increase 

in average crystallite size of 2.2 to 3.1 nm and an increase in scale factor of about 20 % was 

determined after thermal annealing, indicating two effects caused by the high-temperature 

treatment of SiOC glass-ceramics. Firstly, an increase of the crystallite size of β-SiC reflects 

better ordering thereof. Secondly, an increase in scale factor relates to an increase of the 
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amount of β-SiC, which in the present case can be explained either by the segregation of 

additional β-SiC during the thermal annealing (which would imply an incomplete phase 

separation of the SiOC glass during the hot-pressing step while preparing the monolithic 

glass-ceramics) or by the crystallization (i.e., increase in size) of precipitates that were too 

small to be reliably distinguished from the background of the XRD patterns (and are 

consequently not included in the scale factor for β-SiC). In other words, the increase of the 

scale factor is correlated to the crystallization of x-ray amorphous SiC to nanocrystalline β-

SiC. 

For C12-SiOC-1600 and C16-SiOC-1600, thermal annealing leads to a significant increase 

of the scale factor (ca. 200 % at maximum), accompanied by a slight decrease in the 

average crystallite sizes from 2.6-2.8 to 1.7-2.3 nm. The strong increase of the scale factor 

implies that there is a significant amount of X-ray amorphous SiC in the as-prepared 

monolithic SiOC glass-ceramics which crystallizes during the high-temperature annealing. At 

the same time, nanocrystalline β-SiC nanoparticles increase in size, too. Interestingly, as the 

amount of X-ray amorphous SiC nanoparticles which crystallizes is significant, there is an 

overall decrease of the average crystallite size after the thermal annealing. 

From the above, it can be concluded that there is an increased ordering of β-SiC in all three 

samples upon thermal annealing (it is noted that the Rietveld refinement on the available 

data of such kind of disordered materials has to be regarded as being semi-quantitative and 

absolute values may be shifted). The most noticeable change is observed in C16-SiOC-1600 

annealed at 1200 °C for 6 days. This is in line with the highest increase in Young’s modulus 

and the highest carbon content. As it is suggested in literature that the presence of 

segregated carbon slows down β-SiC crystallization [5, 48], the as-prepared C16-SiOC-1600 

sample is the least ordered sample with respect to β-SiC nanoparticles, and shows therefore 

the highest changes during thermal annealing. It is consequently suggested, that this 

increased ordering of the β-SiC nanoparticles is sufficient for an increase in Young’s 

modulus, however, not high enough to be detectable at the scale of the skeletal density. As 

crystallization is a thermally activated process, higher temperatures and holding times favor 

higher degree of ordering and consequently Young’s modulus. This can as well explain the 

relatively large increase in Young’s modulus of C12-SiOC-1600 and C16-SiOC-1600 in 

comparison to C1-SiOC-1600. Thus, the effect of the β-SiC crystallization in SiOC-based 

glass-ceramics on their Young’s modulus is significantly higher than that of their chemical 

composition. 
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The temperature dependencies of shear modulus, G, and Poisson’s ratio, 𝜈, determined for 

C1-SiOC-1600 prior and post thermal annealing are shown in Figure 6

 

Figure . In accordance to the evolution of Young’s modulus, both shear modulus and 

Poisson’s ratio are increasing with increasing temperature. This indicates that the 

mechanisms leading to a stiffening during temperature increase are at least partially resulting 

from an increase of the atomic packing density (as expressed by changes in Poisson’s ratio), 

which is in line with the suggested structural rearrangements in vitreous silica [34, 41]. 

Thermal annealing leads to a slight increase of the shear modulus, however within the 

estimated experimental error of ± 1 GPa. Poisson’s ratio is not significantly impaired by 

thermal annealing as evidenced by comparing the values of 𝜈 before and after annealing at 

1100 °C for 6 days. Poisson’s ratio correlates to the atomic packing density, as will be 

addressed in the following, which in turn is expected to be mainly governed by the glassy 

matrix in a glass-ceramic. As Poisson’s ratio of SiOC glass-ceramics is not significantly 

affected by the thermal treatment protocols, it is concluded that their silica-based amorphous 

matrix does not change during thermal annealing, indicating a good thermal stability of SiOC 

glass-ceramics. 

 

Figure 6. Temperature dependence of the shear modulus G and Poisson’s ratio 𝜈 of the (a) as-
prepared C1-SiOC-1600 SiOC glass-ceramic and (b) after a thermal treatment for 6 days 
at 1100 °C. 

Values of the Young’s modulus, shear modulus, bulk modulus, Poisson’s ratio, hardness and 

strain-rate sensitivity at room temperature are summarized in Table 2. Poisson’s ratio of the 

SiOC glass-ceramics are virtually independent on their phase composition. The values of v 
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as determined by ultrasonic echography scatter only slightly within a narrow interval of 0.166 

to 0.175, which compares very well with the range of Poisson ratios reported for vitreous 

silica of 0.15 to 0.18 [27, 49-53]. Interestingly, a SiOC glass derived from the same polymeric 

precursor as the C12-SiOC-1600 glass-ceramic was found to exhibit an extremely low 

Poisson’s ratio of only 0.11 [14]. Smaller Poisson’s ratios in glasses are often correlated to 

strongly interconnected network structures of low atomic packing density [34, 54]. In case of 

SiOC glass, this is explained by the enhanced degree of cross-linking upon the exchange of 

two-fold coordinated oxygen atoms with four-fold coordinated carbon. The significantly higher 

Poisson’s ratios of the SiOC glass-ceramics investigated in the present study are linked to 

the phase separation in SiOC glasses at temperatures exceeding 1250 °C [7, 9]. We 

therefore conclude, that the Poisson ratio of our SiOC glass-ceramics are determined by the 

elastic properties of residual silica glass matrix. 

The hardness of the studied SiOC glass and glass-ceramics scatter slightly around 10.5 to 

11.4 GPa. The higher hardness of the C1-SiOC-1100 glass (H = 11.4 GPa) in comparison to 

vitreous silica (H = 9.3 GPa [55]) is the direct consequence of the enhanced network 

connectivity and the accompanied presence of additional network constraints, similarly to 

silicon oxynitride (SiON) glasses [56]. Before continuing this discussion, we need to note the 

mismatch in hardness obtained for the C1-SiOC-1100 glass (H = 11.4 GPa) investigated in 

the actual study and the previously published Vickers hardness values for SiOC glasses of 

8.2 to 9.3 GPa [10, 13]. This discrepancy is attributed to the large contribution of elastic 

deformation to the indentation response of glasses. This manifests in marked differences 

between the contact area under load, which determines the hardness H, and the size of the 

residual hardness imprint after unloading, which is used for evaluating the Vickers hardness 

HV [57]. 

Unlike SiOC glasses, the improved hardness of the SiOC glass-ceramics is governed by a 

complex interplay between the mechanical stability, volume fraction and distribution of the 

residual silica glass matrix and the β-SiC nanoparticles as well as the segregated carbon 

[36]. Here, the β-SiC nanoparticles are supposed to be responsible for the improved 

hardness of the SiOC glass-ceramics, as polycrystalline β-SiC exhibits a Vickers hardness 

HV of 27.1 to 34.1 GPa [58]. Note, that the volume fraction of segregated carbon seems to 

have only little impact on the hardness. This is evident from the comparison of the SiC/SiO2-

1600 (H = 10.6 GPa) and C12-SiOC-1600 (H = 10.5 GPa) glass-ceramics, which consist of 

an almost identical volume fraction of β-SiC nanoparticles, but zero and 12 vol.% segregated 

carbon, respectively. The same conclusion can be done upon comparing C1-SiOC-1600 (H = 

11.0 GPa) and C16-SiOC-1600 (H = 10.6 GPa), revealing comparable amounts of β-SiC but 

1 and 16 vol.% of segregated carbon, respectively. Interestingly, only marginal differences in 

hardness are distinguishable between the C1-SiOC-1100 glass (H = 11.4 GPa) and the C1-

SiOC-1600 glass-ceramic (H = 11.0 GPa). This result is in clear contrast to a previous study, 

where an increasing hardness was noticed upon phase separation in a SiOC glass [13]. This 

was related to an increase in density, which is indeed occurring during phase separation (cf. 

Table 1), though effects related to the elimination of residual porosity in the SiOC glass were 

also considered. 
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The brittleness of crystalline metals as well as metallic glasses can be correlated to the ratio 

between shear and bulk modulus (Pugh ratio G/K) [59]. Metallic glasses show a tough-to-

brittle transition at G/K > 0.41-0.43 [60]. In this context, Pugh ratios of 0.83 for C1-SiOC-

1600, 0.86 for C12-SiOC-1600 and 0.85 for C16-SiOC-1600, would imply a brittle fracture 

behavior. The chemical composition has no significant influence on the Pugh ratio of SiOC 

glass-ceramics. Additionally, the index of brittleness B = H/KIc, which relates the resistance 

against plastic deformation to the resistance against fracture, was determined for C1-SiOC-

1600 (B =  

15 µm-0.5), C12-SiOC-1600 (B = 11 µm-0.5) and vitreous silica (B = 13 µm-0.5), where higher 

values correspond to more brittle material [61]. For the calculation the indentation hardness 

determined in this study was used, whereas values for fracture toughness KIc were taken 

from Ref. [62]. As opposed to the Pugh ratio, the index of brittleness displays a notable 

dependence on the chemical composition. Sample C1-SiOC-1600 with only 1 vol.% of 

segregated carbon appears to be more brittle than vitreous silica. However, the presence of 

12 vol.% segregated carbon in C12-SiOC-1600 has the opposite effect and drastically 

reduces the brittleness even below the level of vitreous silica. This behavior is in line with the 

experiences made during grinding of the samples and clearly signifies the importance of both 

the chemical and phase composition for the mechanical performance of SiOC glasses and 

glass-ceramics. This argumentation is also supported by previous observations regarding the 

effects of phase separation on the mechanical stability of alkali-alkaline earth silicate or 

alkali-borosilicate glasses [55, 63-65]. Tuning the volume fraction and structure of the 

separated phases is therefore supposed as a promising route towards the fabrication of 

SiOC materials with an enhanced toughness. 

For a potential application of SiOC glasses and glass-ceramics at elevated temperatures, a 

high creep resistance, i.e., low strain-rate sensitivity, is of paramount importance. Using a 

nanoindentation strain-rate jump test [27], very low strain-rate sensitivities of 0.0059 to 

0.0107 were determined for the SiOC glass and glass-ceramics. The results obtained for 

both the C1-SiOC-1100 glass (m = 0.0059) and the SiO2/SiC-1600 (m = 0.0060) glass-

ceramic are very close to the values reported for vitreous silica (m = 0.0068 – 0.0150 [66-

68]), which displays no significant creep deformation at room temperature [69, 70]. With 

respect to this result, we speculate the creep response of SiOC materials with low amounts 

of segregated carbon to be determined by the creep resistance of the vitreous silica glass 

matrix. Nevertheless, regarding the SiOC glass-ceramics a slight but still detectable increase 

of the strain-rate sensitivity from 0.0060 (SiO2/SiC-1600) to 0.0107 (C12-SiOC-1600) is seen 

with increasing amounts of segregated carbon. A higher strain-rate sensitivity in glasses 

normally signifies a homogenization of the plastic flow [71]. With the presence of a 

homogeneously dispersed phase of segregated carbon in the vitreous silica glass matrix, 

fertile sites for a shear-mediated plastic flow are created inside the material. 

 

Conclusions 

Silicon oxycarbides are known to possess increased mechanical properties like Young’s 

modulus and hardness. The present study rationalizes the various impacts on their elastic 
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and plastic properties caused by the chemical/phase compositional variability inherent to the 

SiOC system and gives further insight in the thermal stability of SiOC glass-ceramics. 

The elastic properties of silicon oxycarbides are influenced by both phase composition (i.e. 

volume fraction of β-SiC or fraction of Si-C bonds in Si-O-C glass network and volume 

fraction of segregated carbon) as well as by their microstructure (i.e. SiOC glass vs. glass-

ceramic; phase separation). Whereas Young’s modulus is increasing with increasing volume 

fraction of β-SiC nanoparticles/Si-C bonds and decreasing with increasing amount of 

segregated carbon, it is not significantly affected upon phase separation. In contrast, 

Poisson’s ratio, and consequently the atomic packing density, is independent of the chemical 

composition, but is significantly influenced by the phase separation. Both, the development of 

Young’s modulus and Poisson’s ratio, can be considered as direct consequences of: (i) the 

highly cross-linked network architecture of SiOC glasses due to the presence of mixed-bonds 

SiO4-xCx tetrahedra; (ii) the decrease of the cross-linking degree of the glassy network during 

the phase separation and (iii) the high stiffness of crystalline β-SiC. 

Thermal annealing of SiOC glass-ceramics leads to an increase in Young’s modulus. It is 

demonstrated that this relies in an increased ordering of the dispersed phases segregated 

carbon and β-SiC as evidenced by XRD and Raman spectroscopy and not in a change of the 

glassy silica matrix as testified by an unbiased Poisson’s ratio and temperature sensitivity of 

Young’s modulus. This implies, that the silica-rich glassy matrix of SiOC glass-ceramics is 

stable at high temperatures and longer holding times. 

The plastic properties of SiOC glass-ceramics are significantly influenced by the volume 

fractions of both segregated carbon and β-SiC nanoparticles. The segregated carbon phase 

reduces brittleness and induces additional sites for sliding during plastic deformation; 

whereas, the hardness is governed by the volume fraction of β-SiC nanoparticles due to their 

comparably high hardness. Interestingly, the hardness in SiOC seems to be not affected by 

phase separation. 
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Table Captions 

Table 1. Chemical compositions of the monolithic SiOC samples, their estimated phase 

compositions and the corresponding skeletal densities ρ. Volume fractions of SiO2, 
SiC and segregated carbon Csegr are calculated by means of the following 
densities: ρ(SiO2) = 2.20 g/cm3 [15], ρ(β-SiC) = 3.22 g/cm3 [32], ρ(Csegr) = 
1.82 g/cm3 (Graphitized Mesoporous Carbons GMC, Sigma-Aldrich, CAS-# 1333-
86-4). 

Table 2. Room temperature elastic properties and plasticity of SiOC glasses and glass-
ceramics: Young’s modulus E, shear modulus G, bulk modulus K, Poisson’s ratio 
𝜐, hardness H and strain-rate sensitivity m. Literature data for a SiOC glass and 
Suprasil vitreous silica are added for comparison. 

Table 3. Skeletal density ρ and elemental composition of the investigated as-prepared 
SiOC glass-ceramics and after a thermal treatment. 

Table 4. Effects of a thermal treatment on the degree of graphitization of the segregated 
carbon in SiOC glass-ceramics as determined from Raman spectroscopy: Average 
crystallite size La, average distance between two defects LD. AD/AG describes the 
ratio between the areas assigned to the D and G band, respectively. 

 

Figure Captions 

Figure 1. Ternary phase diagram in the system Si-O-C. The dashed line (parallel to the 
SiO2-C tie-line) marks that the segregated carbon content increases from 
SiC/SiO2-1600 to C16-SiOC-1600 without large variations in the SiC content. 

Figure 2. Room temperature Young’s modulus of SiOC glasses (open symbols) and glass-
ceramics (filled symbols) as a function of (a) volume fraction of sp2-hybridized 
segregated carbon and (b) the volume fraction of Si-C bonds (as for SiOC 
glasses) or ß-SiC (as for SiOC glass-ceramics). Literature values (black symbols) 
are added for comparison. Dashed lines were drawn as a guide for the eyes. 

Figure 3. Temperature dependence of the Young’s modulus of the SiOC glass-ceramics 
investigated in this study. The experimental error is estimated to be ± 1 GPa (i.e., 
< 2 %). 

Figure 4. Temperature dependence of the Young’s modulus of the as-prepared (a) C1-
SiOC-1600, (b) C12-SiOC-1600 and (c) C16-SiOC-1600 SiOC glass-ceramics, 
respectively, and after a thermal treatment at different temperatures and for 
varying durations. Lines drawn are fits to the experimental data. (d) Temperature 
dependence of the Young’s modulus normalized to its value at room temperature 
(displayed by trendlines). The experimental error is estimated to be ± 1 GPa (i.e., 
< 2 %). 

Figure 5. X-ray diffraction patterns (Mo Kα) of SiOC glass-ceramics prior and after 
annealing at high temperatures: (a) C1-SiOC-1600; (b) C12-SiOC-1600; (c) C16-
SiOC-1600. Indexed reflections relate to β-SiC. 

Figure 6. Temperature dependence of the shear modulus G and Poisson’s ratio 𝜈 of the (a) 
as-prepared C1-SiOC-1600 SiOC glass-ceramic and (b) after a thermal treatment 
for 6 days at 1100 °C. 
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